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The challenge of fabricating nanostructured W–Cu composites by powder metallurgy has been solved by
means of modulated phase separation. A hierarchically nanostructured (HN) W–Cu composite was pre-
pared using intermediary Al through sluggish asynchronous phase separation. In addition to a dual net-
work composed of a Cu phase and the W–Cu nanostructure, dense Al-containing nanoprecipitates with a
body-centered cubic (bcc) structure are distributed in the W matrix. Compared with a pristine W/Cu
interface, the newly formed W/Cu interfaces modulated by Al and the coherent W/Al-containing particle
interfaces possess lower energy and enhanced bonding strength due to efficient electron transfer and
strong coupling interactions. With a large number of stable heterogeneous interfaces and a ‘‘self-
locking” geometry, the HN W–Cu composite exhibits excellent resistance against plastic deformation.
The combination of the presented composite’s hardness and compressive strength outperforms all other
sintered W–Cu composites with the same Cu content. Under a reciprocating sliding load, the reactive Al
prevents excessive oxidation. The excellent synergy of the hardness and toughness of the friction-induced
surface endows the HN composite with high abrasion resistance. This study provides a new strategy to
modulate the structure and energy state of interfaces in metallic composites containing immiscible com-
ponents in order to achieve high mechanical performance.

� 2023 THE AUTHORS. Published by Elsevier LTD on behalf of Chinese Academy of Engineering and
Higher Education Press Limited Company. This is an open access article under the CC BY-NC-ND license

(http://creativecommons.org/licenses/by-nc-nd/4.0/).
1. Introduction

Metallic X–copper (Cu) composites (where X denotes refractory
metals such as tungsten (W), molybdenum (Mo), tantalum (Ta), or
niobium (Nb)) play an irreplaceable role in the aerospace and elec-
tric power industries due to their excellent strength, hardness,
radiation-damage tolerance, and shock resistance in comparison
with other materials [1–5]. As the size of individual X and Cu
phases decreases within a specific range, a ‘‘smaller-is-stronger”
trend is always observed. This phenomenon has been widely inves-
tigated in lamellar X–Cu materials [6–8], with a great number of
studies revealing that lamellar X–Cu can be orders of magnitude
stronger than its homogeneous counterparts under compressive
and tensile loads.
These remarkable strengthening and hardening effects can be
attributed to the unique interaction between the X/Cu interfaces
and dislocations. When the dislocations glide to the vicinity of
weakly bound X/Cu interfaces, they are easily captured by the
interfaces through local shearing, leading to the spreading of the
dislocation core across the interfaces [9,10]. Therefore, having
heterogeneous interfaces with high density can effectively limit
dislocation transmission and improve the mechanical performance
of X–Cu composites. Reducing one (e.g. the lamellar materials) or
multiple dimensions of the phases inside X–Cu down to the
nanoscale is an effective way to achieve sufficient interfaces.

The topological configuration of the interfaces affects the
mechanical behavior of metallic composites. The interfaces of
lamellar materials are only abundant in a certain direction. A
long-distance slip of dislocations within the interface plane tends
to stress relaxation and softening [11–13]. As a result, the
strengthening of the material is not thorough. In comparison, a
composite of mutually interpenetrating components leaves
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three-dimensionally distributed interfaces in the space, which are
more effective in preventing the long-distance slip of dislocations
[14]. The intrinsic character of the interface, such as the composi-
tional distribution and morphology, also contributes to the
mechanical properties by modulating the bonding strength and
interactions with dislocations. For example, it has been confirmed
that interfaces with mutually compositional intervention can bet-
ter resolve the contradiction between strength and plasticity due
to their higher shear resistance in comparison with well-defined
interfaces [15,16]. Wavy X/Cu interfaces, as another example, fea-
ture a robust size-scaling effect and are more resistant to disloca-
tion slip than planar interfaces [17]. Therefore, it is desirable to
have X–Cu composites that possess three-dimensionally dis-
tributed interfaces with adjustable bonding strength in order to
modulate the mechanical responses and achieve excellent compre-
hensive performance.

However, it is challenging to prepare such materials. A Mo–Cu
composite thin film with a bicontinuous structure was fabricated
recently by co-sputtering Cu and Mo at different temperatures
[18]. However, this method is very costly and time consuming. It
is more desirable to obtain nanostructured X–Cu in a scalable man-
ner, such as via powder metallurgy, to allow for mass production.
In general, powder metallurgy demands a high sintering tempera-
ture to ensure effective densification. However, the X–Cu
nanostructures cannot survive under high temperature due to
the enthalpy of mixing and enthalpy of segregation of the two
components [19]. Consequently, the size of phases easily becomes
coarsened to the submicron or micron scale in sintered composites,
even when nanoscale raw powders and a pressure-assisted low-
temperature sintering technique are utilized [20–23]. Therefore,
obtaining nanostructured X–Cu via powder metallurgy remains
extremely challenging.

In this work, the challenge of fabricating nanostructured X–Cu
composites via powder metallurgy has been solved by means of
modulated phase separation in a W–Cu model system. A hierarchi-
cally nanostructured (HN) W–Cu composite was obtained under
the assistance of an intermediary element through sluggish asyn-
chronous phase separation. The HN W–Cu consists of a nanostruc-
tured W–Cu matrix and massive intermediary-element-containing
nanoparticles that possess the same crystal structure and coherent
interface as the W phase. With the aid of first-principles calcula-
tions, the formation mechanism of the hierarchical nanostructure
is disclosed, and the interfacial energy and bonding strength are
analyzed. The composite’s excellent mechanical properties under
different loading modes, including uniaxial compression, indenta-
tion, and reciprocating sliding, are investigated in detail, along
with the mechanisms behind them.
2. Experiments and modeling

Bulk HN W–Cu composites were fabricated by two-step ball
milling followed by spark plasma sintering (SPS) densification. Alu-
minum (Al) was used as an intermediary element to adjust the
final structure and the properties of the products. First, the W
and Al powders were mechanically alloyed by ball milling at 580
r�min�1 for 12 h to obtain W–Al solid solution powder. Then, Cu
powder was blended with the W–Al powder using a milling speed
of 300 r�min�1 for an hour. Finally, the bulk composites were fab-
ricated by SPS at 900 �C for 5 min with a heating rate of 50 �C�min�1

and a constant pressure of 100 MPa. The temperature, working
time, and pressure of SPS play an essential role in the densification
of the composite materials. Those sintering parameters were opti-
mized to obtain the highest relative density of the sintered com-
posites. The Cu and Al contents in the composite were 30% (w/w)
and 2.4% (w/w), respectively. For comparison, a W–Cu composite
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bulk without Al addition was also fabricated by the same route.
A more detailed fabrication procedure can be found in our previous
work [24].

Scanning electron microscopy (SEM) and transmission electron
microscopy (TEM) were used to characterize the microstructures.
Energy dispersive spectroscopy (EDS) maps were acquired via
high-angle annular dark-field (HAADF) imaging in an aberration-
corrected scanning transmission electron microscope (STEM). After
coming under a reciprocating sliding load, TEM samples for
microstructure investigation were prepared using the focus ion
beam (FIB) technique. The samples were cut perpendicular to the
worn surface along the sliding direction. A high-resolution X-ray
photoelectron spectroscopy (XPS, Kratos XSAM 800) was utilized
to investigate the chemical state of the worn surface with a pass
energy of 30 eV (1 eV = 1.602 � 10�19 J). Atom probe tomography
(APT) characterizations were performed using a local electrode
atom probe LEAP 5000XR. The samples were analyzed at 60 K in
laser mode at a pulse repetition rate of 125 kHz, a pulse energy
of 30 pJ, and an evaporation detection rate of 0.2% atoms per pulse.

The hardness was measured by a Vickers hardness tester with a
load of 30 kg. The sample for the uniaxial compression test was
made into a cylindrical shape with the dimensions of /6
mm � 9 mm. The strain rate and the maximum compressive stain
were set to be 0.005 s�1 and 10%, respectively. A reciprocating slid-
ing load was applied to the surface using a tribometer (Lanzhou
Zhongke Kaihua Technology Development Co., Ltd., China) with a
normal load of 10 N and a sliding speed of 2.5 m�min�1 for 30 min.

First-principles calculations were carried out using the density
functional theory (DFT) implemented in the Vienna ab-initio simu-
lation package (VASP) [25,26] with the projector-augmented wave
(PAW) potential [27]. The generalized gradient approximation
(GGA) with the Perdew–Burke–Ernzerhof (PBE) exchange-
correlation functional [28] was employed. A 2 � 2 � 2 supercell
for W on its primitive cell was constructed. One or two W atoms
were substituted by Cu and Al atoms to investigate the microstruc-
ture evolution during phase separation. Representative interfaces
with low index planes and possible different stacking sequences
of W(110)/Cu(111) were built. The body-centered cubic (bcc) Al
structure in the coherent W(110)/Al interface was obtained by
replacing W with Al atoms, followed by structural relaxation. The
interface energy and separation work were calculated for these
interfaces with vacuum layers of 20 Å (1 Å = 10�10 m). The cut-
off energy was set to 385 eV for the plane wave basis.
Monkhorst–Pack [29] k-points samplings of 6 � 6 � 6 and
16 � 16 � 1 were used in the calculation for W supercells and
interface models, respectively. For sufficient convergence, the tol-
erance energy value in the geometry optimization was
1.0 � 10�5 eV per atom. The atomic positions were relaxed until
all forces were smaller than 0.02 eV�Å�1. The calculated electron
localization function (ELF) was visualized using visualization for
electronic and structural analysis (VESTA) code [30]. The detailed
interface energy and separation work were calculated according
to the methods reported in the literature [31,32].
3. Results

3.1. Microstructures and elemental analysis

Fig. 1(a) shows the morphology of the W–Cu composite without
the addition of Al. The bright and dark regions are the W and Cu
phases, respectively. A nanocrystalline (NC) structure can be
observed in the interior of the W phase (Figs. 1(b) and (c)) with a
grain size of less than 100 nm. The morphology of the HN W–Cu
composite at low magnification is shown in Fig. 1(d). The sharper
contrast inside the W phase suggests a finer heterogeneous



Fig. 1. Morphological characterization of the NC and HN W–Cu composites. (a) Morphology of the NC W–Cu composite at low magnification; (b) HAADF-STEM image at the
edge of the NC W; (c) distribution of the W element in the area shown in (b); (d) morphology of the HN W–Cu composite at low magnification; (e) HAADF-STEM image at the
edge of the nanostructured W in the HN W–Cu composite; (f) size distribution of the nanoparticles within the W nanograins in the HN W–Cu composite; (g–i) elemental
distributions in the area shown in (e).
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microstructure. The magnified microstructure at the edge of the W
phase was further characterized using HAADF-STEM (Figs. 1(e)–
(i)). It was determined that the W phase is composed of W nano-
grains approximately 100 nm in size and two other phases with
a darker appearance. The Cu-rich phase is tens of nanometers in
size and is mainly distributed among the W nanograins. The other
phase has a much smaller size of less than 10 nm and is homoge-
neously distributed inside the W nanograins. Unfortunately, it was
difficult to identify the composition of these nanoparticles through
EDS mapping due to the limited resolution. In order to reveal the
microstructure and composition of these nanoparticles, atom-
resolution HAADF-STEM and three-dimensional (3D) APT charac-
terizations were conducted.

In the magnified HAADF-STEM image of the HN W–Cu
nanostructure (Fig. 2(a)), the majority of the dark nanoparticles
are dispersed inside the W grains, while the others are located at
the W grain boundaries and W/Cu interfaces. The composition of
these nanoparticles was determined using a linear elemental
scan. Fig. 2(b) shows the variation in composition along line 1 in
Fig. 2(a). The tiny nanoparticles possess reduced W content and a
considerable amount of Al. It can also be noticed that the W/Cu
interface contains a certain amount of Al. Fig. 2(c) shows the vari-
ation in composition along line 2 in Fig. 2(a). There is no obvious
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change in the W, Cu, and Al contents across the W grain boundary
without nanoparticles, indicating that Al does not segregate at the
W/W interfaces. Surprisingly, the atom-resolution HAADF-STEM
image (Fig. 2(d)) shows that the Al-containing nanoparticle main-
tains a bcc crystal structure and is completely coherent with the W
matrix.

In order to further investigate the composition of the nanopar-
ticles, the 3D APT technique was carried out. Fig. 2(e) shows the
compositional reconstruction of a W grain with an Al-containing
nanoparticle. The isoconcentration surface of the phase boundary
is shown to indicate the position of the Al-containing nanoparticle.
The compositional variation across the surface of the W/Al-
containing nanoparticle (Fig. 2(f)) shows that the Al atoms dis-
solved in the W phase are negligible. The concentrations of Al
and W change gradually with the depth into the nanoparticle, indi-
cating the formation of a concentration gradient at the phase
boundary. The concentration of Al can reach up to 32 atom percent
(at%) at the center of the nanoparticle. At the thermodynamically
equilibrium state, the W–Al compound with this composition does
not exist in the W–Al system. Also, no W–Al compound was
detected by the X-ray diffraction (XRD) of the composite bulk in
previous studies [24]. This indicates that these nanoparticles are
a supersaturated solid solution of Al in the W matrix. Moreover,



Fig. 2. Detailed analysis of elemental distribution in the composite. (a) Magnified HAADF-STEM image of the W–Cu nanostructure; (b, c) elemental distribution
corresponding to (b) line scan 1 and (c) line scan 2 in (a); (d) the bcc Al-containing nanoparticle and its coherent interface with the W matrix (insets are the fast Fourier
transform (FFT) patterns corresponding to the regions marked by the circle and square, respectively); (e) APT construction of the W grain with an Al-containing nanoparticle,
in which the isoconcentration surface of the phase boundary is shown; (f) atomic concentration variations of Al and W across the surface of the Al-containing nanoparticle;
(g, h) APT construction of the Cu–Al solid solution in the W-based nanostructure; (i) schematic diagram of the hierarchical nanostructure of the HN W–Cu composite.
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the compositional analysis for the Cu phase (Figs. 2(g) and (h))
shows that about 15 at% of Al is uniformly dissolved in the Cu
phase.

The above analysis confirmed that the as-prepared W–Cu com-
posite with the addition of Al possesses a hierarchical structure
containing three levels of microstructure. The first-level structure
is composed of a refined micron-scale W-based phase and Cu
phase, which is similar to the traditional fine-structured W–Cu
composite. Within the W-based phase, there is a second-level
structure containing nanosized W and Cu. The third-level structure
comprises Al-containing nanoparticles dispersed in the W nano-
grain matrix and at the grain boundaries and W/Cu interfaces.
Fig. 2(i) provides a schematic diagram of the hierarchical
microstructure described above.

The above results indicate that the addition of Al plays an
important role in the formation of the hierarchical nanostructure.
Fig. 3 illustrates the fabrication processes of the NC and HN W–
Cu composites. Without Al, the particle size of the W powder is
refined during the ball milling, and the NC structure forms inside
the W particle. After mixing with Cu powder and subsequent sin-
tering, the NC W–Cu composite bulk is obtained (Fig. 3(a)). In con-
trast, mixing Cu powder withW–Al solid solution powder yields an
HN W–Cu composite bulk after sintering (Fig. 3(b)), in which a
nanosized Cu phase and Al-containing nanoparticles are dispersed
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in the NC W matrix. The formation and stabilization mechanisms
of the HN W–Cu composite will be demonstrated in Section 4.1.

3.2. Mechanical properties

The uniaxial compressive stress–strain curve of the HN W–Cu
composite at room temperature is shown in Fig. 4(a). For compari-
son, the same test was conducted for a conventional fine-grained
W–Cu composite, whose microstructure is shown in Fig. S1 in
Appendix A. The compressive strength of the HN W–Cu composite
is 1270 MPa, which is approximately 1.7 times higher than that of
the fine-grained W–Cu composite (�730 MPa) and 1.2 times as
high as that of the NC W–Cu composite (1020 MPa). From these
results, it can be determined that the HN W–Cu composite has
superior compressive strength in comparison with the fine-
grained and NC W–Cu composites. In order to reveal the thermal
stability of the hierarchical nanostructure, stress–strain curves of
the HN W–Cu composite after heat treatments at 900, 1000, and
1100 �C were also measured. After heating at 900 and 1000 �C,
the compressive strength of the HN W–Cu composite increased
to about 1400 MPa, which may be attributed to the improved
relative density after heat treatment. The retention of high com-
pressive strength at elevated temperatures suggests that extending
the durations of the sintering and cooling processes will not



Fig. 3. Schematic diagrams showing the fabrication processes and representative microstructures of the NC and HN W–Cu composites. (a) NC W–Cu composite prepared
without the addition of Al; (b) HN W–Cu composite prepared with the addition of Al.
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deteriorate the performance of the composite, demonstrating the
high thermal stability of the hierarchical nanostructure. Only when
the annealing temperature exceeds 1100 �C does the compressive
strength start to decay (e.g., to �1100 MPa), which can be attribu-
ted to the occurrence of structural coarsening.

The hardness of W–Cu composites prepared via different meth-
ods was also measured (Fig. 4(b)) [20,23,33–44]. In general, the
hardness of coarse-grained W–Cu composites with a W size of tens
of micrometers decreased gradually with the increase of Cu con-
tent, whose value ranged from 120 to 280 Vickers pyramid number
(HV). Hardening strategies for the W–Cu composite can be divided
into two categories: refinement of the microstructure and the
addition of other components. Although nanosized W–Cu compos-
ite powders can be prepared via chemical co-precipitation and
mechanical alloying, the coarsening of grains is likely to happen
during sintering due to the limited intrinsic thermal instability of
the W–Cu nanostructures, leading to submicron-scale phases in
the product. Therefore, the hardness of the refined W–Cu compos-
ites in the literature has seldom been higher than 400 HV. For
example, the hardness of the commercial fine-grained W–Cu com-
posite in the present work was 269 HV30. When additives are
employed, the highest hardness of the W–Cu composite can reach
361 HV with the addition of zinc (Zn), due to the formation of rigid
Cu–Zn intermetallic compounds [33]. Introducing TiN as particle
additives enhanced the hardness of a W–Cu composite with a Cu
content of 30 weight percent (wt%) to about 220 HV [34].

Based on the above investigations, it can be concluded that
most strategies—whether relying on refining the microstructure
or on additives—have limited ability to improve the hardness. In
comparison, our strategy of introducing nanostructures in the W
phase can effectively improve the hardness of the composite. A
hardness of 463 HV30 was obtained for the NC W–Cu composite
by creating NC grains inside the W phase. Furthermore, an HN
W–Cu composite with a Cu content of 30 wt% exhibited a
significantly improved hardness of 512 HV. The combination of
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extraordinary hardness and compressive strength provides the
HN W–Cu composite with a record-breaking comprehensive per-
formance compared with all other sintered W–Cu composites with
the same Cu content. These excellent mechanical properties can be
attributed to the formation of a hierarchical nanostructure with a
large number of heterogeneous W/Cu interfaces and W/Al-
containing particle interfaces.

3.3. Plastic deformation under indentation

The deformation behavior of composites composed of bcc- and
face-centered cubic (fcc)-structured metals has been demonstrated
by micro-column compression experiments in a previous study
[14]. When an indenter pierces into an fcc–bcc metallic composite,
the softer fcc phase deforms first and undergoes work hardening as
the penetration depth increases. As the onset ability of dislocation
in the fcc phase increases to a comparable level to that in the
harder bcc phase, slip and plastic deformation of concurrent dislo-
cations occur in both phases. This process produces a typical com-
pressive morphology of the bcc phase with a high length-to-width
ratio. Interestingly, when the deformation morphology and
microstructure of the HNW–Cu composite under indentation were
analyzed, a different feature from the traditional fcc–bcc metallic
composite was found. Although the Cu phase had a large degree
of plastic deformation and work hardening, the entire W–Cu
nanostructure provided a locally rigid skeleton to withstand the
increased load without severe deformation (Fig. 5(a)), due to the
great number of W/Cu interfaces and W/Al-containing particle
interfaces, endowing the HN composite with extremely high hard-
ness. The plastic deformation occurred in the softer Cu phase by
forming stacking faults (SFs) (Fig. 5(b)).

The deformation morphology and microstructure under inden-
tation of the NC W–Cu composite were also investigated. It was
found that the deformation features and mechanism of the NC
W–Cu composite were similar to those of the traditional W–Cu



Fig. 4. Mechanical properties of various W–Cu composites. (a) Uniaxial compres-
sive stress–strain curves of the HN and commercial fine-grained W–Cu composites
at different temperatures; (b) hardness of various W–Cu composites, including
those strengthened by microstructure refinement [20,23,35–38], Cu-distribution
homogenization [39], the addition of alloying elements [33,40], and the addition of
compounds [34,41–44]. LS: liquid sintering; HPS: high-pressure sintering.
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composite, which showed severe plastic deformation in the W
phase (Fig. 5(c)). Correspondingly, there was a high density of
interlaced edge dislocations in the severely deformed W phase
(Fig. 5(d)). Concurrent plastic deformation in both phases occurred
as the onset ability of dislocation in the Cu phase increased to a
comparable level with that in the W phase. Therefore, it can be
inferred that the hardening degree of the Cu phase before the con-
current deformation of W and Cu should be greater than that of the
traditional W–Cu, due to the more difficult dislocation onset and
glide in the NC W. In other words, the simultaneous plastic defor-
mation of the W and Cu phases in the NC W–Cu composite was
retarded compared with the deformation in the traditional W–Cu
composites without nanostructure inside the W phase.

In order to compare the resistance against plastic deformation
of the W–Cu nanostructure with dispersive nanoparticles with that
of the NCWmore intuitively, the powder containing NCW andW–
Al alloy particles was simultaneously mixed with Cu powders.
After sintering, both the W–Cu nanostructure with dispersive
nanoparticles and the NC W were obtained in one sample. The
higher degree of deformation of the NC W than of the hierarchical
nanostructure was verified (Fig. 5(e)), evidencing the more pro-
nounced effect of theW/Cu interfaces andW/Al-containing particle
interfaces on the blocking dislocation glide in comparison with the
W grain boundaries. It can be anticipated that the hardness and
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strength of the composite can be significantly improved by
decreasing the fraction of Cu to enhance the contribution of the
hierarchical nanostructure to load bearing.

3.4. Response to reciprocating sliding

During practical service, wear resistance is one of the most
important factors for the reliability and service life of a W–Cu com-
posite. In our previous work, the morphologies of the worn sur-
faces of W–Cu composites with and without the addition of Al
were compared. Delamination exfoliation with microcracks can
be observed on the partially worn surface of the HN W–Cu com-
posite. Such a wear mode differs from that of an NCW–Cu compos-
ite prepared via the same procedure without the addition of Al,
where the delamination completely covered the worn surface with
propagating cracks. Correspondingly, the wear rate of the HN W–
Cu composite is less than a third of that of the NCW–Cu composite
[24]. It is generally agreed that the delamination forming on a
worn surface derives from the gradual sticking of broken W parti-
cles with ductile Cu. Such a friction-induced transition structure is
known as a mechanically mixed layer (MML) [45]. As the MML
reaches the maximum degree of work hardening by means of con-
tinuous severe deformation during the friction process, propagated
cracks will appear in the MML and MML/subsurface interface,
resulting in exfoliation of the delamination. To further understand
the mechanism of wear resistance, the microstructure and compo-
sition of the reciprocating sliding-induced transformation film at
the worn surface were investigated.

A cross-section of the wear track along the sliding direction of
the NC W–Cu composite is shown in Fig. 6(a). With increments
in depth, an MML with a thickness of about 2 lm first appears, fol-
lowed by a severe plastic deformation region (PDR). There are
numerous spindle-shaped W phases extending along the wear
direction in the MML. A magnified view of the MML (Fig. 6(b))
shows that most particles are refined to an average size of approxi-
mately 7 nm (Fig. 6(c)). The selected area electron diffraction
(SAED) for the MML reveals that, besides oxides and the W phases,
no Cu phase can be detected (Fig. 6(d)), which implies that the Cu
in the MML was oxidized completely during the friction process.
The magnified TEM image (Fig. 6(e)) indicates that the grains were
deformed to a strip shape in the spindle W phase after friction.
Plastic deformation becomes difficult inside the refined grains
due to the dramatically enhanced critical shear stress for the nucle-
ation and motion of dislocations. It has been found that there is a
critical grain size below which grain interiors are largely
dislocation-free and contain few dislocation sources [46,47].
Therefore, the grain boundaries act as both dislocation sources
and sinks. Correspondingly, in our work, when the grain size
decreases to 10 nm, the nucleation of dislocations occurs mainly
at the boundaries of the strip grains (Fig. 6(e)). The as-formed
dislocations slip into the strip grains, resulting in continuous
refinement. According to the concentration profile of oxygen from
the worn surface to the PDR (inset of Fig. 6(a)), it is evident that the
oxygen concentration in the MML is relatively high and decreases
gradually with increments in depth. This finding suggests that the
environmental oxygen atoms tend to diffuse through the defects
generated by the severe deformation during the reciprocating slid-
ing process, leading to oxidation of the W grains and a change in its
shape from a spindle to an equiaxed shape (Fig. 6(b)). By character-
izing the boundaries of tens of strip grains, it was found that low-
angle grain boundaries (with a misorientation angle of less than
10�) are dominant for the strip grains (inset in Fig. 6(e) and Figs.
6(f)–(i)). These low-angle grain boundaries are generated by the
‘‘screening” effect during the prolonged exposure to the sliding-
induced heating environment. The large-angle grain boundaries
with higher energy tend to migrate and are finally annihilated.



Fig. 5. Deformation morphology and microstructure of the composites under indentation. (a) Deformation morphology of the HN W–Cu composite; (b) deformation SFs in
the Cu phase of the HN W–Cu composite; (c) deformation morphology of the NC W–Cu composite; (d) interlaced edge dislocations in the severely deformed W phase of the
NC W–Cu composite; (e) deformation morphology of the composite containing both W–Cu nanostructure and NC W.
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Fig. 7 shows the microstructure and composition of the worn
surface of the HN W–Cu composite. Compared with that of the
NC W–Cu composite, the thickness of the MML in the HN W–Cu
composite has decreased to about 100 nm (Fig. 7(a)). The reduced
thickness is attributed to the less broken W particles due to the
dragging effect of the Cu in the W–Cu nanostructure, which is con-
firmed by the morphology of the worn surfaces (Fig. S2 in Appen-
dix A). Moreover, the HN W–Cu composite has a restricted PDR
because of the strong resistance of the W–Cu nanostructure with
dispersive nanoparticles against plastic deformation. Furthermore,
SAED of the MML reveals that, in addition to oxide and W phases,
the Cu phase can be detected after the reciprocating sliding load. A
more detailed microstructure of the MML indicates that the W–Cu
nanostructures are crushed into separated fine particles (Fig. 7(b))
rather than being sheared directly into strip grains as observed in
other W–Cu composites (Fig. 6(e)), due to the difficult nucleation
and propagation of the dislocations. Furthermore, a large number
of nanoparticles in the MML exhibit a deformation streamline in
shape and have a large longitudinal-to-transverse ratio (�3), as
shown in Fig. 7(d).

The composition distribution in the yellow box in Fig. 7(b)
shows that there are still numerous Cu-rich areas in the MML
(Fig. 7(c)), which is consistent with the SAED result (inset in
Fig. 7(a)). The composition in the MML was further determined
by XPS. The peaks of metallic W 4f can be deconvoluted into three
peaks: namely, W, Wx+, and W6+ [48]. Their binding energies are
located at 31.1, 31.7, and 35.1 eV, respectively (Fig. 7(e)). There is
also a series of W oxides, such as WOx, WO3, and CuWO4, on the
worn surface. The peaks of Al 2p located at 74.5 and 77.1 eV
(Fig. 7(f)) can be attributed to Al2O3 and CuAl2O4, respectively
[49,50]. The maintenance of the Cu component in the MML of
the HNW–Cu composite is associated with the formation of Al oxi-
des, which acts as a barrier to prevent the further diffusion of oxy-
gen. In addition, the remaining Cu component helps to improve the
toughness of the MML and prevent nucleation and the propagation
of cracks. Therefore, only microcracks form on the worn surface of
the HN W–Cu composite, rather than the propagating cracks found
in the NC W–Cu composite (Fig. S2). The different microstructure
and composition also induce variation in the mechanical properties
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of the MML. Nanoindentation tests were performed to evaluate the
mechanical properties of the MMLs (Fig. S3 in Appendix A). Under a
controlled load of 30 mN, the hardness of the MMLs in the NC W–
Cu and HN W–Cu composites is 5.6 and 9.7 GPa, respectively.
Therefore, the excellent wear resistance of the HN W–Cu compos-
ite can be attributed to the formation of a protective film with
excellent combined rigidity and toughness under a reciprocating
sliding load.
4. Discussion

4.1. Formation of a hierarchical structure

After adding Al into the W–Cu composite, a W–Cu nanostruc-
ture was formed even after high-temperature sintering. From a
thermodynamic viewpoint, the W–Cu nanostructure should coar-
sen severely at such a temperature, especially when it is composed
of a nanocomposite powder with high activity fabricated by means
of mechanical alloying. In addition, Al-containing nanoparticles are
produced within the W nanograins. The existing state of the Al in
the W matrix is different from those of the titanium (Ti) and chro-
mium (Cr) that have been reported as stabilizers for a W nano-
structure [51,52]. In those systems, the NC W was stabilized by
the formation of a segregation film and nanoparticles with a diam-
eter of tens of nanometers at the W grain boundaries.

To explain the stability of the W–Cu nanostructure and the dis-
tribution of the Al in the HN W–Cu composite, the formation ener-
gies of the Cu and Al dissolved in the W matrix were calculated to
evaluate the driving force of their phase-separation process (Fig. 8).
As for the W–Cu system, it is generally regarded that a positive
energy indicates that it is difficult for a solid solution to form in
the thermodynamic equilibrium state. As a result, when Cu dis-
solves into W through nonequilibrium methods, such as mechani-
cal alloying, rapid phase separation should occur during
subsequent heat treatment and sintering, leading to the formation
of coarse-structured W and Cu. In our work, the calculated forma-
tion energy of the W–6.25 at% Cu solid solution is 1.80 eV, which is
consistent with the immiscible nature of W and Cu. When the Cu



Fig. 6. Microstructure characterization of the NC W–Cu composite under a reciprocating sliding load. (a) Low-magnification TEM image of the transformation film at the
surface induced by the reciprocating load (inset shows the oxygen profile with the increment in depth from the surface); (b) W nanoparticles dispersed in the MML; (c) size
distribution of the remaining W nanoparticles in the MML; (d) diffraction pattern and indexing of the MML; (e) strip grains and dislocation source in the deformed W phase
(inset shows the statistical misorientation angle in the strip grains); (f–i) high-magnification images of the low-angle grain boundaries corresponding to the boxed regions in
(e).

C. Hou, H. Lu, Z. Zhao et al. Engineering 26 (2023) 173–184
concentration increases to 12.5 at%, the formation energy increases
greatly to 3.03 eV. This high formation energy suggests that the Cu
atoms have a strong tendency to separate from the W matrix.
When a certain amount of Al is dissolved in the W–Cu system,
the formation energy greatly decreases from 3.03 to 1.61 eV. In
other words, the presence of the Al atom promotes the dissolution
of Cu in W in the nonequilibrium state and significantly reduces
the phase-separation tendency of the W–Cu system.

Compared with the positive mixing enthalpy of the W–Cu sys-
tem (36 kJ∙mol�1) [53], the Cu–Al system has a negative mixing
enthalpy of �1 kJ∙mol�1 [54]. Therefore, it is easy for Cu–Al to form
a solid solution or even intermetallic compounds at room tempera-
ture. Furthermore, the negative mixing enthalpy suggests a stron-
ger atomic bond between Cu and Al than between Cu andW. Under
constant temperature, the diffusion rate is inversely related to the
activation energy based on the Arrhenius equation. When the Cu
phase is excluded from the Al-containing W phase, the diffusion
of Cu atoms must consume more energy to break the bonds with
surrounding atoms. Therefore, Al effectively reduces the diffusion
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rate of Cu atoms in the W phase. Thus, the separation between
Cu and W can be alleviated by Al in both thermodynamic and
dynamic aspects, which explains the high stability of the W–Cu
nanostructure.

The formation energy of a W–6.25 at% Al solid solution was cal-
culated to be 0.24 eV, which indicates that W and Al are also
immiscible and tend to form individual phases at this concentra-
tion. However, compared with the W doped with the same concen-
tration of Cu, the reduced formation energy indicates a lower
tendency for the phase separation of a W–Al solid solution. To fur-
ther investigate the phase-separation behavior of Al in W, the for-
mation energy of a W–Al solid solution with different distances
between Al atoms was calculated. The formation energy decreases
by 1.08 eV (from 1.49 to 0.41 eV) when the distance between the Al
atoms decreases, which implies that Al aggregation is preferable.
Once sufficient energy fluctuation is provided during sintering,
the formation of Al clusters in the W grains should be facilitated.
To sum up, the modulated asynchronous phase-separation process
among the W, Cu, and Al atoms and the ‘‘self-segregation” trend of



Fig. 7. Microstructure and composition of the transformation film in the HN W–Cu composite under a reciprocating sliding load. (a) Cross-section of the worn surface under
low magnification (inset shows the SAED pattern in the MML region); (b) microstructure of the MML at higher magnification; (c) elemental distribution corresponding to the
boxed region in (b); (d) longitudinal and transverse size distributions of the nanoparticles in the MML; (e, f) XPS spectra of W and Al in the worn surface.

Fig. 8. Calculated formation energies (Ef) of dissolving Cu and Al into W at different
concentrations and atomic configurations.

Fig. 9. Atomic models of different interfaces. (a) W/Cu IF 1, where different
substitution sites of Al in a Cu lattice are indicated; (b) W/Cu IF 2; (c) coherent
W/bcc Al. IF stands for interface.
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the Al atoms result in the formation of a hierarchical
nanostructure.

4.2. Interface energy and bonding state

The HNW–Cu composite possesses a great number of W/Cu and
coherent W/bcc Al-containing particle interfaces. The intrinsic
energy and bonding strength of these interfaces were evaluated
through first-principles calculation (Figs. 9 and 10). First, two rep-
resentative combinations of W(110)/Cu(111) interfaces with dif-
ferent stacking sequences were constructed and denoted as W/Cu
IF 1 and W/Cu IF 2 (Figs. 9(a) and (b)). The relative orientation of
(110)bcc/(111)fcc is based on experimental observations and
reported models in the literature [55–57]. In order to disclose the
intrinsic properties of the studied interfaces on an atomic scale, flat
interfaces were used in the calculations. Compared with W/Cu IF 2
(2.27 J∙m�2), W/Cu IF 1, which has a lower interface energy
(2.07 J∙m�2), was chosen for the further doping of Al atoms. The
calculated W/Cu interface energy is consistent with that reported
in the literature [56]. The Al atoms were doped in the Cu phase
at three sites with different distances from the interface
(Fig. 9(a)). The interface has the lowest energy (1.09 J∙m�2) and
the highest separation work (4.83 J∙m�2) when the substitution
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site is close to the interface (Fig. 10), suggesting the localized effect
of Al on the interface properties. The reduced interface energy also
demonstrates an enhanced stability of the W/Cu interface by Al
modulation. Moreover, numerous bcc Al-containing nanoparticles
were observed dispersing inside the W grains, which implies that
the W/bcc Al interface may have low energy. In order to confirm
this supposition, the energy of a coherent W/bcc Al interface was
also calculated. A low energy of 0.67 J∙m�2 was obtained, which
is even lower than that of theW/Cu interface modulated by Al. This
finding of a lower interface energy facilitates our understanding of



Fig. 10. Calculated interface energy and separation work of different interfaces,
including W/Cu IF 1, W/Cu IF 2, and W/bcc Al IF, with different sites substituted by
Al at W/Cu IF 1.
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the formation of bcc Al-containing nanoparticles by precipitation
from the W matrix.

The electron transfer at different interfaces was also investi-
gated (Fig. 11(a)). There is negligible electron transfer at the W/
Cu interface, which is consistent with the weak bonding strength
between immiscible components. However, the W and Cu atoms
at the Al-doped W/Cu interface respectively gain 0.58 and 0.43
electrons from the Al atom. At the W/bcc Al interface, the W atoms
gain 0.60 electrons from the surrounding Al atoms. Fig. 11(b)
Fig. 11. Electronic analysis at different interfaces. (a) Electron transfer at various interfac
interface, (d) the W/Cu interface with doped Al, and (e) the W/bcc Al interface.
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shows the distribution of the ELF at different interfaces. The ELF
is dimensionless and ranges from 0 to 1, reflecting the electron
localization with respect to a uniform electron gas. A value of 1
corresponds to the perfect localization, while a value of 0 refers
to absolute delocalization. In the present work, the ELF at a pristine
W/Cu interface spans 0.3–0.4, indicating little evident electronic
interaction. As for the W/Cu interface with doped Al and W/bcc
Al connection, the ELF increases to about 0.6, suggesting improved
electron localization. The local electronic density of state (LDOS)
indicates that, at the W/Cu interface with doped Al—unlike the
weak interaction of electrons at the pristine W/Cu interface
(Fig. 11(c))—the p-orbital electrons of the Al atoms strongly couple
with the d-orbital electrons of Cu and W at peaks of �4 and �2 eV,
respectively (Fig. 11(d)). In other words, as a proper intermediary,
the Al atoms interact with both Cu and W to stabilize and improve
the bonding of the W/Cu interface. At the W/bcc Al interfaces, the
p-orbital electrons of Al and the d-orbital electrons of W exhibit
the same peak positions at�3 and�1 eV, revealing strong coupling
(Fig. 11(e)).
4.3. The integrated strengthening effects of hierarchical structure and
interfacial geometry

The stress applied to the W/Cu interface can be decomposed
into two components. The component along the interface may pro-
mote interface sliding, while the component perpendicular to the
interface may cause dislocation slip and, hence, plastic deforma-
tion in the W and Cu phases. In the traditional coarse-grained
(e.g., a W grain size larger than 10 lm) and fine-grained (e.g., a
W grain size of a few microns) W–Cu composites, the W/Cu inter-
faces are basically smooth and locally flat, with a small curvature.
It is easy for such W/Cu interfaces to slide due to the weak bonding
strength [57–59]. In the W and Cu phases, without any
es; (b) distribution of ELF; (c–e) LDOS of Cu, W, and Al atoms at (c) the pristine W/Cu
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precipitation or solute solution atoms, there are few obstacles hin-
dering the motion of dislocations; thus, considerable deformation
results, as has been observed in previous studies [60]. Therefore,
effectively blocking dislocation slip and W/Cu interfacial sliding
is crucial for improving the hardness and strength of the
composite.

In the HN W–Cu composite, the numerous W/Cu and W/bcc Al-
containing particle interfaces effectively hinder the slip of disloca-
tions. The motion of dislocations may occur at the interface and
within the grain. When gliding along an interface, dislocations
must move a longer distance over a rough interface than over a flat
one. When crossing an interface, the dislocations encounter more
obstacles at the interpenetrated interfaces in the HN composite
than at the traditional counterparts. Inside the W grains, the
motion of dislocations is hindered by the Al-containing nanoparti-
cles, and dislocation slip may even be pinned by the nanoparticles.

Aside from the blocked dislocation motion, interface sliding in
the HN W–Cu composite is also restricted. After the insertion of
the Al, the W/Cu interfaces have a lower energy and higher separa-
tion work than the pristine interfaces. This increases the interface’s
intrinsic resistance to sliding. Moreover, the interpenetration of the
W/Cu interfaces with a curved geometry plays a special role in
‘‘self-locking” the interfaces, which inhibits effective interface slid-
ing. That is, the rough, interpenetrating interfaces require more
energy to be pulled apart than a flat interface would require [61].
When the interfacial area increases to a certain extent, the strength
of pulling out a single protrusion in the rough interface exceeds the
yield strength of the single protrusion itself, resulting in protrusion
deformation prior to interface separation. Under this particular
condition, the additional force required to separate the interface
is equal to the yield strength of the protrusion. In this case, the crit-
ical length in the depth direction lc (at which the separation force is
equal to the yield strength) of the protrusion can be expressed as
lc = ar/(4s), where s is the sliding resistance between W and Cu,
and r and a are the yield strength and diameter of a cylindrical
protrusion, respectively, which is set as a simplified model. Since
the yield strength of W is much higher than that of Cu, yielding
always occurs in the Cu protrusion. In addition, the yield strength
of Cu depends on the diameter of the Cu protrusion [62]. In this
case, s is set to be 300–550 MPa [63] and a is defined as 40 nm,
according to our experiment. Thus, the lc of the protrusion is
around 35–63 nm. Beyond such sizes, the yielding of the Cu protru-
sion dominates the resistance against interface sliding. The above
analysis is verified by experimental observations. In the NC W–
Cu composite, the broken surface of the W phase is smooth
(Fig. S4(a) in Appendix A), while numerous Cu tearing ridges are
observed at the fracture surface of the HN W–Cu composite
(Fig. S4(b) in Appendix A). These different fracture morphologies
indicate that the bonding strength of many interface regions in
the HN W–Cu composite is higher than the yield or fracture
strength of the Cu phase. Thus, interface sliding is effectively
restricted in the HN W–Cu composite.
5. Conclusions

In this work, an HN W–Cu composite was fabricated by taking
advantage of modulating the phase-separation process. The forma-
tion principle, mechanical behavior, and related mechanisms were
demonstrated. The main conclusions are as follows:

(1) The difficulty of preparing bulk nanostructured W–Cu com-
posite materials by sintering was solved by modulating the phase-
separation process using an intermediary Al. A hierarchical struc-
ture composed of a W–Cu nanostructure and bcc Al-containing
nanoprecipitates was produced. The formation of this unique
structure resulted from asynchronous phase separation. This
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methodology is applicable to structural modulations for various
bimetallic composites containing immiscible components.

(2) The hardness and compressive strength of the HN W–Cu
composite were measured as 512 HV and 1270 MPa at room tem-
perature, respectively. This comprehensive performance is the
highest among all reported sintered W–Cu composites with the
same Cu content. The high thermal stability of the hierarchical
nanostructure enables the composite to maintain a high compres-
sive strength of about 1400 MPa even after 1000 �C treatment. This
demonstrates the essential contribution made by the nanostruc-
tured rigid skeleton to the superior mechanical performance.

(3) Compared with a pristine W/Cu interface, the W/Cu inter-
faces modulated by Al and coherent W/Al-containing particle
interfaces in the HN composite possess a lower interface energy
and enhanced bonding strength. The interface modulation relies
on the electron transfer and strong coupling interaction of the
p-orbital electrons of Al with the d-orbital electrons of Cu and
W. The interpenetrating geometry effectively hinders the slip of
the interfaces. This substantial restriction of dislocation slip and
interface sliding contributes to the high level of hardness and
strength.

(4) Under a reciprocating sliding load, the surfaces of the NC
and HN W–Cu composites exhibit different transformation behav-
iors in terms of their microstructure and composition. The W
phase is sheared into strips and the Cu is completely oxidized at
the surface of the NC composite. In contrast, at the surface of
the HN composite, the W–Cu nanostructure is crushed into fine
particles due to its high resistance to plastic deformation.
Moreover, the highly reactive Al prevents the oxidation of other
components. Thus, the surface of the HN W–Cu composite exhibits
much higher friction resistance than the surface of the NC W–Cu
composite.
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